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Abstract

Metastable multiphase materials are currently obtained by controlled crystallization of amorphous samples. This paper

deals with the use of metastable equilibrium phase diagrams and related thermodynamic quantities to the kinetic analysis of

primary crystallization of an undercooled liquid solution as obtained by calorimetric means. The analysis is performed as a

function of the processing conditions, assuming thermodynamic and kinetic competition between several crystalline phases for

nucleation and growth. The hierarchy of crystalline phases formation on both heating an initial amorphous alloy or on cooling

the liquid solution follows a sequence mostly consequent with the different temperature dependence of the several quantities

driving crystal formation. # 1998 Elsevier Science B.V.
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1. Introduction

Metastable multiphase materials are currently

obtained by controlled heat treatment that induces a

partial crystallization in disordered samples, either

amorphous or molten alloys. In the present paper

we will consider phase transformations in which the

new phase can not completely replace the parent

disordered phase because of a difference in composi-

tion. It will thus give rise to a mixture of primary

crystals and remaining disordered phase in metastable

equilibrium. The decisive factor for the progress of

primary crystallization is the supply of nuclei, since

the composition of the emerging and growing nuclei

differs from that of the disordered phase [1,2]. There-

fore, the thermodynamic mechanism limiting the

spread of the transformation is the Gibbs free energy

difference between crystals and remaining disordered

phase [3,4], whereas the kinetic mechanism limiting

the transformation is diffusion. The use of the Gibbs

free energy diagrams of the possible metastable com-

peting phases provides a basis for classifying the

possible composition ranges in which crystallization

can proceed. Since there is a crystallization enthalpy,

calorimetric methods, in particular differential scan-

ning calorimetry (DSC), are currently being used for

the study of the kinetics of the process.

There exists a wide bibliography related to phase

transformations focused on the thermodynamic,

calorimetric and kinetic aspects (see Refs. [4±11]).

However, the theory of primary crystallization

kinetics at present has not yet been developed to a

satisfactory level, despite recent efforts and progress

made in elucidating the kinetics of ®rst-order phase

transformation in solids. In the present paper, the main
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advances will be reviewed as well as current assump-

tions with regards to the thermodynamic and calori-

metric analysis of kinetic data. The plan of

presentation is the following. In Section 2 the concept

of primary crystallization will be introduced phenom-

enologically. In Section 3 the thermodynamics of

multicomponent alloys and metastable phase equili-

bria involving the liquid phase will be analysed. In

Section 4 the kinetics of the process, as visualised by

calorimetric means, will be discussed. Finally, discus-

sion of the interplay among kinetic, calorimetric and

thermodynamic data will be discussed and some

conclusion drawn in Section 5.

2. Primary crystallization

In primary crystallization (or in precipitation of a

second phase) the composition of the emerging and

growing nuclei differs from that of the disordered (or

crystalline) parent phase. We will consider that crys-

tallization, as well as solidi®cation, deals with the

transformation undercooled liquid)crystal. The com-

position of the remaining disordered matrix evolves

during the transformation. The treatment is performed

under the hypothesis that at the end of the transforma-

tion there is a metastable equilibrium between the

primary crystals and the remaining disordered matrix.

This implies that the nucleation frequency of the

primary phase in the disordered matrix becomes neg-

ligible at the end of the transformation. That is, the

nucleation frequency depends on the degree of

advancement of the process. Immediately after

nucleation, the stable nucleus is embedded into a still

supersaturated matrix. It may be argued that for small

particles the interface reaction is likely to be the rate

controlling step, since the diffusion distances are very

short. Once the particles have grown to a certain size,

the surrounding matrix composition approaches

saturation and the associated reduction in the driving

force makes diffusion likely to be the rate controlling

step [1,2,6,9].

At any time, t, the transformation proceeds up to a

fraction, x�f1, of the total volume, V, where f1 is the

total volume fraction available for primary crystal-

lization and x is the degree of advancement of the

process. According to the well known Johnson±Mehl±

Avrami±Kolmogorov theory [12±14], when no stable

nuclei were present in the parent phase the time

evolution of the crystallized fraction, x, is given by

x�T; t� � 1ÿ exp ÿ
Zt
0

I���v�t; �� dt

24 35 (1)

where I(�) is the nucleation frequency at time � and

v(t,�) is the extended volume at time t of nuclei formed

at time � , both quantities being implicitly dependent

on the processing conditions, namely both of them

depend on the degree of advancement and on the time

dependence of the temperature T�T(t) during the

process. The integration of Eq. (1) allows to obtain

the forms x�x(T,t) or x�x(T,�) if the particular heat

treatment applied to the sample is isothermal or at a

constant heating (cooling) rate, �, respectively

[15,16].

The nucleation frequency, I, is computed assuming

the classical theory for homogeneous nucleation

[17,18], that is:

I � Ioexp�ÿ16��3=3RT��G�2� (2)

with

Io � NvkT=3�a3
o� (3)

where Nv is the mean fraction of atoms in the liquid, ao

is the mean atomic diameter,

� � A exp�B=�T ÿ T��� (4)

� is the viscosity, T the absolute temperature, T� is the

Vogel-Fulcher temperature, � is the crystal±liquid

interfacial energy, and �G the Gibbs free energy

difference between the liquid and the crystal. Among

all these parameters, the thermodynamic important

ones are �G and �. The evaluation of �G for primary

crystallization will be discussed in Section 3 whereas

� is dif®cult to evaluate and, normally, is only esti-

mated. Some interfacial energies of pure metals have

been calculated by Turnbull [18,19] and Perepezko

[20,21].

The presence of heterogeneous nucleation results in

a reduction of the energy barrier for nucleation by a

factor f(�), whose dependence on the wetting angle � is

[22]

f ��� � �2� cos���1ÿ cos��2
4

(5)

The transient time needed to attain the quasi-steady
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distribution of embryos, to, may be of short duration

compared with the period of observation. Otherwise,

the nucleation rate, including the transient effect, may

be written as [6]

It � I exp�ÿto=t� (6)

With regards to the evaluation of the extended volume,

v(t,�), at time t of nuclei formed at time � , the growth

rate is currently assumed either interface or diffusion

controlled. Growth rate, u, under interface controlled

growth is expressed by

u � uo�1ÿ expfÿ��G=RT�g� (7)

with

uo � fkT=3�a2
o� (8)

where f is the fraction of crystal sites on the nucleus

surface where atoms are preferentially added.

Diffusion controlled spherical growth under steady

state conditions is often taken to produce a growth

velocity of the form [23]

dr

dt
� co ÿ c�

cxt ÿ c�
D

r
(9)

with c* and co the matrix concentration at and far from

the interface, cxt that of the crystalline precipitate, D

the volume diffusion coef®cient and r the crystalline

grain radius.

Primary crystallization may be visualised as

initiated by the formation of stable nuclei via `hetero-

phase' thermal composition ¯uctuations (see

Fig. 1(a)). A thermodynamic analysis of concentra-

tion ¯uctuations and homogeneous nucleation of crys-

tal in undercooled binary alloys has been presented by

Desre [24]. He showed that the undercooling needed

to form nuclei of critical composition and size is rather

low compared to that needed to get partitionless

solidi®cation.

In the early stages the stable nucleus is surrounded

by a still supersaturated matrix. When the liquid at the

interface reaches equilibrium composition diffusion

becomes the limiting growth mechanism (Fig. 1(c)).

At intermediate stages the system consists of a poly-

dispersed mixture of precipitates of various sizes; the

matrix is enriched from atoms insoluble in these grains

and the associated reduction in the concentration

gradient slows grain growth. At the ®nal stages the

metastable equilibrium between the primary precipi-

tates and the remaining matrix is ideally attained

(Fig. 1(f)). That is, there is an initial transient, for

each individual grain growth, in which the local

equilibrium in between the emerging crystal and the

Fig. 1. Schematic view of the extended growth of an individual grain.
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liquid ahead of the crystal±liquid interface is estab-

lished; afterwards, diffusion becomes the controlling

mechanism. Two cases are currently distinguished: (i)

low degrees of supersaturation: cxtÿco>>coÿc*; (ii)

high degrees of supersaturation: cxtÿco�coÿc*.

According to the continuous change in composition

of the remaining liquid during primary crystallization,

low degrees of supersaturation are always reached in

the course of the transformation. Soft impingement,

then, may be formally included by replacing co in

Eq. (9) by c(t), that is, assuming that the primary

grains are growing not in an in®nite matrix, but in a

liquid whose concentration tends to a mean value, c(t),

in regions remote from the interface. Another effect to

be included in primary crystallization is the change of

the nucleation frequency of primary crystals along the

transformation.

3. Thermodynamics of multicomponent systems

The main thermodynamic quantities needed to

solve the kinetic Eqs. (2),(7) and (9) are �G, �, cxt

and c* as a function of temperature and composition of

the parent liquid, co, for all possible competing phases,

that is, far away from the range of stability of most of

the phases. This is the reason why their evaluation

requires to predict the possible metastable equilibria

with methods like the CALPHAD approach or others.

For a binary system, in Fig. 2 there is a schematic

view of how �G may evolve during the transforma-

tion, assumed to proceed under isothermal conditions.

We will comment the ®gure in connection with Fig. 1.

At low degrees of advancement of the transformation,

as shown in Fig. 1(a), the stable nucleus emerges from

a matrix whose composition in very close to co. That

is, the value of �G to be introduced in Eq. (2) is

represented by the value �Ga shown in Fig. 2(a). At

intermediate values of the degree of advancement, the

stable nuclei emerge from a matrix whose composi-

tion, c(t), ranges in between co and c*; then the value of

�G needed to evaluate the homogeneous nucleation

frequency becomes �Gb, shown in Fig. 2(b). The

consideration of crystal growth is not simple. As

schematised in Fig. 1, there is a growth-transient from

nucleus formation until the achievement of local

equilibrium with the surrounding liquid at the grain

interface (from situations depicted in Fig. 1(a) to (c)).

During this growth-transient, the interplay between

interface and diffusion limited growth acts in a way to

increase the importance of the last mechanism until it

becomes preponderant. Strictly speaking, the value of

�G to be used in Eq. (7) depends on the matrix

composition at the interface. It changes with the

degree of advancement of the transformation and

evolves also with increasing grain size. That is, at

the initial stages of growth, it ranges from �Ga (shown

in Fig. 2(a)) at low degrees of advancement of the

transformation, to �Gb (Fig. 2(b)) as crystallization

proceeds. But, at large degree of advancement of the

transformation, it is given by �Gb after nucleus for-

mation and, consequently, the transient time to reach

Fig. 2. Gibbs free energy schematic plot of the liquid and primary phase at a given temperature T.
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the situation depicted in Fig. 1(c) is shortened. The

second stage of individual grain growth, in the

extended view i.e. neglecting spatial impingement

between grains, may be approximately represented,

instead of Eq. (9), by a diffusion controlled growth of

the form

dr

dt
� c�t� ÿ c�

cxt ÿ c�
D�c�t��

r
(10)

provided the precipitates form under low degrees of

supersaturation. At high degrees of supersaturation,

the growth-transient stage may last for enough time to

reduce the importance of diffusion controlled growth

in the overall crystallization process.

All the previous discussion becomes more complex

for multicomponent systems. The evaluation �G is

straightforward, and is formally given by the follow-

ing expression [3,4]

�G�xxt; xliq; T�

�
Xc

i�1

xxt
i � ��xt

i �xxt; T� ÿ �liq
i �xliq; T�� (11)

where x� denotes the set of atomic fractions x
�
i

(i�1,2,...c) of each component i in phase � and ��i
its chemical potential at temperature T. For the calcu-

lation of the nucleation rate, the liquid composition

refers to the mean value, c(t), in regions remote from

the interface. For the evaluation of the interplay

between interface and diffusion controlled growth,

the liquid composition refers to the local value of

the surrounding matrix at the interface with the

extended crystalline grain.

The use of metastable phase equilibrium predictive

diagrams is very helpful for the evaluation of �G by

Eq. (11). The main dif®culty arises in the evaluation

of the changes of supersaturation for each component

and, thus, of the driving forces for nucleation and

growth processes. Most effort has been devoted to the

development of the treatment of the diffusional pro-

blem. In particular, Zener [25], Wert and Zener [26]

and Ham [27] describe the time evolution of precipi-

tates with uniform size introducing the overlapping

concentration pro®le between precipitates. But, the

interpretation of experimental kinetic data through the

thermodynamic characterization of the respective

alloy systems and underlying free energy curves

remains quite restrictive. It has been, for instance,

successively attempted to analyse glass-forming abil-

ity [28±30].

4. Calorimetric analysis

Calorimetric crystallization kinetic studies have

been performed most frequently under continuous

heating conditions, probably because only differential

thermal analysis techniques were available in the past.

As very sensitive DSC equipments become available,

they are widely used as a tool to study kinetics of

transformation. Today, coupled isothermal and con-

tinuous heating calorimetric measurements allow the

determination of the explicit form of the rate of

reaction versus temperature/time as a function of both

the heating rate/temperature and the fraction of

already transformed material. These measurements

allow the determination of the explicit form of the

evolution of transformed material versus time as a

function of both the temperature and the fraction of

already transformed material [11]. Measurement

under continuous heating is rather straightforward,

but isothermal measurements are time consuming

and can be performed only in a limited temperature

range because of the thermally activated nature of the

process. Nevertheless, there are limits to the accuracy

on the determination of the rate of reaction, one of the

most important being the uncertainty on the base line

position. Other sources of error come from both the

dif®culty to avoid base line instability during the

experiment and the incertitude on the exact position

of the onset and end of the transformation peak (or any

other thermal event) in the DSC curve. Both effects are

specially important under isothermal conditions but

also in continuous heating regime [11,31].

The speci®city of primary crystallization introduces

other sources of dif®culty to directly extract the rate

of reaction from the measured calorimetric signal. As

already mentioned, at any stage of the crystallization

process, the respective values of the concentration in

the crystal and at the interface are established from the

free energy diagrams. During the transformation, the

volume fraction occupied by the primary crystals is

x�f1, where f1 is given by the lever rule,

f1 � �c� ÿ co�=�c� ÿ cxt� (12)

Neglecting differences of density between the various
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coexisting phases, f1 is also the mass fraction trans-

formed at the end of the crystallization process. The

calorimetric signal, namely, the heat ¯ux evolving

from the sample is

_Q � � _H (13)

where, in a ®rst approximation, we have [31]

�H � fx � f1 � Hxt�cxt; T� � �1ÿ x � f1�
� Hliq�cliq; T�g ÿ Hliq�co; T� (14)

or, in differential form

dfx � f1 �Hxt�cxt; T�g
dt

� _x � f1 �Hxt � x � f1 �Cxt
p � �
(15)

df�1ÿ x � f1� � Hliqg
dt

� ÿ _x � f1 � Hliq

� �1ÿ x � f1� � @Hliq

@c
� _cliq � Cliq

p � �
� �

(16)

and

dfHliq�co; T�g
dt

� Cliq
p �co; T� � � (17)

In these equations H� and �C�
p stand for the enthalpy

and heat capacity per unit mass, respectively in phase

�. Further, it has been assumed that the composition of

the crystal, cxt, remains constant all over the transfor-

mation.

Provided that: (i) �@Hliq=@c� � _c is negligible,

and (ii) Hliq[c(t)]�Hliq(c*)�Hliq(co) and Cliq
p �c�t��

� Cliq
p �c�� � Cliq

p �co� in the range co�c(t)�c*, the

heat ¯ux evolved from the sample may be divided

in two terms, namely, the rate of enthalpy change of

the reaction alone,

_Qreaction alone � _x � f1 � �Hliq ÿ Hxt� (18)

and the rate of sample heat capacity change from that

of the undercooled liquid to that of the crystallization

product,

_Q�Cp
� x � f1 � �Cliq

p ÿ Cxt
p � � � (19)

Otherwise, Eqs. (18) and (19) may be considered

as ®rst order approximate expressions of the

mean instantaneous heat ¯ux generated during

the reaction.

5. Primary crystallization kinetics study from
thermodynamic and calorimetric data

The kinetic study of primary crystallization calori-

metric data, in terms of the previously discussed

approaches, has been performed for a quaternary alloy

of the Al±Cu±Ni±Nd system. The alloy has nominal

composition Al87Cu3Ni7Nd3 and has been prepared in

ribbon form by rapid solidi®cation. Experimental

results show that nanocrystalline fcc-(Al) is formed

by heating the melt spun material. The other phases

which should be formed to attain equilibrium are

hindered, most probably due to their negligible

nucleation frequency. Experimental data also suggest

the presence of pre-existing nuclei in the melt spun

amorphous alloy [1,32±35]. The basic assumptions

introduced in the kinetic analysis are:

A density of pre-existing nuclei observed by

transmission electron microscopy.

Metastable equilibrium compositions of both the

remaining untransformed phase and the precipitate

given from the CALPHAD method [36±39].

In the present approach [1], the time dependence of

the nucleation frequency is assumed to be of the form

I��� � I � f1ÿ x���g (20)

with I given by Eq. (2) for the particular value of

�G��Ga shown in Fig. 2(a).

Fig. 3. Numerical values of the thermodynamic quantities used for

the kinetic evaluation of the primary crystallization in alloy

Al87Cu3Ni7Nd3.
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This approach is grounded in the fact that when a

volume Vxt(t) of the sample becomes crystalline, a

certain amount of the remaining volume is inhibited to

undergo primary crystallization, its value being very

close to the one established by the lever rule, namely,

as � Vxt�t� � 1ÿf1
f1

. Consequently, this is equivalent to

assume for I no composition dependence provided

nucleation acts in a reduced volume, Vred, of the total

volume, VT, given by

Vred � VT ÿ Vxt ÿ Vxt � 1ÿ f1

f1
� VT�1ÿ x�

(21)

The numerical values of the Gibbs energy and

enthalpy differences between the liquid and the crystal

were obtained by use of THERMOCALC and are

Fig. 4. Evolution of the crystallized fraction for alloy Al87Cu3Ni7Nd3: (a) under isothermal annealing; (b) under continuous heating.

Modelling explained in the text, from [1].

Fig. 5. Evolution of (a) the heat flow under isothermal annealing, from ref. [39]; (b) the crystallized fraction under continuous heating, for

primary crystallization in alloy Al87Cu3Ni7Nd3, from ref. [40]. Evaluation of computed data explained in the text.
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shown in Fig. 3. The detailed thermodynamic evalua-

tion of the Al-rich part of the quaternary Al±Cu±Ni±

Nd system is being reported elsewhere [39].

Two different approaches have been successively

applied to get a semi-quantitative description of the

growth mechanisms. In a ®rst attempt [1], apart from

an interface controlled growth in the early stages of the

transformation, soft impingement, at any time t, was

considered by use of the following simpli®ed equation

dr

dt
� co ÿ c�

cxt ÿ c�
D

r
� f1ÿ x�t�g (22)

The respective experimental and calculated values of

the crystallized fraction, under isothermal annealing at

various temperatures and continuous heating at sev-

eral values of the heating rate are presented in Fig. 4.

The agreement between experimental and calculated

values is qualitatively good, but there is a clear

departure of the experimental data at high values of

the crystallized fraction.

In a second attempt, soft impingement was taken by

use of Eq. (10), including a concentration dependence

for the volume diffusion coef®cient, D. Also, the

isothermal heat ¯ow data _Q, were evaluated by use

of the thermodynamic HliqÿHxt data. The respective

experimental and computed values are presented in

Fig. 5. The agreement between experimental and

calculated values is much improved. In particular,

under isothermal regime, since the direct experimental

heat ¯ow data are compared to the computed ones, the

uncertainty in the precise value at the onset/end of the

transformation is avoided; for that reason the compar-

ison is more reliable.

6. Conclusions

The metastable phase diagrams are a useful tool for

the study of the hierarchy of crystalline phases for-

mation of primary crystallization from the disordered

phase as a function of the processing conditions,

assuming thermodynamic and kinetic competition

between several crystalline phases for nucleation

and growth. Recently developed kinetic models

including an approximate treatment of soft impinge-

ment may constitute an appropriate way to check the

experimental data with the physical assumptions about

the mechanisms which drive the process.
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